Abstract: This work presents a unique approach for the modelling of the austenitisation of martensite in dual-phase steels within the phase-field method. Driving forces for nucleation and growth are derived from thermodynamic databases. Routines for nucleation are based on a discretisation of the classical nucleation theory. Validation is given via dilatometric experiments.
Introduction and Motivation
Dual phase steels have developed into an important industrial material due to the combination of mechanical properties from selected phases. This has produced steel grades with improved ductility and higher yield strength. Attaining the desired properties in these steels depends not only on precise chemistry, but also on tight control of thermal conditions during production. Unfortunately, post-production heat treatments, such as those associated with welding, drastically alter the microstructure and the related mechanical properties. Empirical models that have been developed during production are of limited use for post-production thermal cycles, such as welding, which often occur over much shorter time scales. Modelling the material in a physically-based manner can offer insight into the kinetics and ultimate extent of the phase transformations.
Physically-based models of phase transformations are proposed by Kumar et al. [1] , Jacot and Rappaz [2] , Zhang et al. [3] , Kundu et al. [4] , and Tong et al. [5] . Most of these works examined the phase transformations upon cooling from the austenitic temperature range, while Jacot and Rappaz were among the few to study the transformations upon heating, including the dissolution of pearlite and nucleation of austenite. Although their work was one of the first to address phase transformations upon heating in a semi-physical manner, velocities of phase-transformation fronts were imposed as the values taken from experimental work and the determination of nucleation location was not based on physical principles, but rather given an arbitrary ten-fold probability of being located next to pearlite. Tong et al. also point out that the cellular automaton models of Jacot and Rappaz, Zhang, and Kundu neglect important influences of interfacial energy and assume that the growing phase is of homogeneous and equilibrium composition. However, the Monte Carlo model presented by Tong et al. is subject to many non-physical parameters inherent with the Monte Carlo method, such as the fit between simulation time and real time. Finally, although Jacot and Rappaz treat the transformation of a pearlite : ferrite parent microstructure, none of the models reviewed has addressed the austenitisation of martensite (α'). This work presents a physically-based model for the austenitisation of a dual phase martensite : ferrite parent microstructure using the phase-field method with an implementation of the classical nucleation theory to govern nucleation.
Theory
The thermodynamic material model and the nucleation model presented here were implemented in a previously developed multi-phase phase-field code [6, 7] . Many phase-field methods have been reviewed in the literature [8] in which commonly the free energy of a given microstructure is assumed to be defined by an interfacial free energy contribution and a contribution from the bulk free energy. The location of the interfaces is determined implicitly by gradients in continuous phase-field variable over the entire computational domain. A critical component for phase-field simulations is the interface mobility. Previous work has presented a physically-based description of phase-and temperature dependent interface mobility [9] .
Martensite (α') forms when carbon-rich austenite is cooled too quickly for the carbon to diffuse out and form cementite or other carbides. The interstitial carbon becomes trapped in the lattice of iron atoms attempting to revert to the low temperature ferrite configuration (bcc). The trapped carbon strains the bcc lattice into the body centred tetragonal (bct) lattice associated with martensite. Thermodynamic data for this meta-stable phase is scarce in the literature, most notably when considering driving forces for transformation. The approach proposed here is to treat martensite thermodynamically as a bcc phase with a carbon super-saturation.
Materials Science Forum
Online Gibbs free energy curves quantify the free energy of a particular phase as a function of composition for a set temperature and are well defined for ferrite and austenite. A schematic representation of a Gibbs free energy diagram is shown in figure 1a and 1b. For a given composition, say C(α), the activities of the components in ferrite are given by the intercepts of the vertical axes and the tangent to the ferrite curve at composition C(α). If two phases are in equilibrium, the activities of the components are identical in both phases and the tangents coincide, as shown by the common tangent between α and Fe 3 C in figure 1a. Should the tangent line of one phase pass above a point of a second phase-curve, then a driving force exists for the formation of the second phase. Figure 1a illustrates that a super-saturated ferrite, such as one with the composition C(α'), exhibits a noticeable driving force for the formation of Fe 3 C. However, due to the low diffusivity and interface mobilities at temperatures below A1, this transformation is slow, and therefore neglected in the subsequent model. Approaching the A1-temperature, diffusivity and mobilities are higher and the phase-curves shift, shown in figure 1b. Ferrite (C(α)) is in equilibrium with austenite (C(γ)) and martensite that has not decomposed exhibits a strong thermodynamic driving force for transformation to austenite. This temperature-and composition-dependent driving force characterises the nucleation and growth behaviour of austenite in martensite in the presented model. The classical nucleation theory (CNT) has proved to be an important tool for the modelling of nucleation. Refinements to the CNT have isolated nucleation rates for the various types of nuclei, namely nuclei at grain corners, edges and faces. The total nucleation rate can then be expressed as the sum of nucleation rates, expressed as
where the index j indicates the type of potential nucleation site, Z is the Zeldovich factor which corrects the equilibrium nucleation rate for nuclei that grow beyond the critical size, β * is the frequency factor reflecting atomic motion and the rate at which atoms are added to a potential nucleus, and N n j is the density of potential nucleation sites. The change in the Gibbs free energy per unit volume resulting from nucleation during heterogeneous nucleation is given by ∆G *,j which is related to the chemical Gibbs free energy (∆G, from the Gibbs curves) via ) [12] . The criticism with nucleation routines in phase-field simulation until now has been that either site saturation or a constant nucleation rate have been assumed. The approach proposed here is to discretise the entire nucleation temperature range into smaller temperature ranges, each having a nucleation rate corresponding to the average nucleation rate predicted by CNT for that temperature range. If the discretisation is fine enough, the change in nucleation rate will become semi-continuous. For an initial estimation, the entire nucleation temperature range for austentisation can be estimated as being between the A1-and A3-temperatures for the nominal alloy composition. However, it soon becomes evident that due to local composition fluctuations, the nucleation range should be extended.
Experimental
A dual-phase steel having the composition cited in table 1 was investigated. Rectangular samples were constructed with dimensions of 5 mm x 10 mm x 1 mm. These were mounted in a specially modified quartz holder within the Bähr 805 dilatometer. The dilatometer chamber was vacuum pumped to a pressure of 10 -4 mbar before induction heating was applied to the sample. Thermocouples were attached to the middle and the outer corner of the sample. Two heating rates were investigated, namely 10 K s -1 and 50 K s -1 . Under both heating rate conditions, a temperature difference as high as 30 K was measured across the sample. The ramifications of these thermal gradients are discussed in the ensuing sections. Linear segments from the curves of dilatation as a function of temperature were used to characterize ferrite (below the A1-temperature) and austenite (above the A3-temperature). During transformation, the phase fraction, f γ , is then defined by
where ∆l α defines the expansion of ferrite, ∆l γ defines the austenite expansion, and ∆l msr is the measured dilatation. 
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Modelling
The thermodynamic behaviour of the phases within the studied DP600 alloy was derived from Thermo-Calc using the TCFe2 database. The time scale of joining processes is orders of magnitude smaller than those necessary to achieve complete equilibrium. The consequence is that larger, substitutional atoms in the iron matrix do not have adequate time to diffuse appreciably while interstitial carbon does. This infers a case of para-equilibrium, in which the ratio between Fe and the substitutional alloying elements remains fixed while the carbon content is allowed to vary. This shifts the twophase α + γ region to appreciably lower temperatures. Para-equilibrium conditions were implemented in the material model for the calculation of driving forces for nucleation and growth of austenite. The critical feature of the thermodynamic construction presented here is that martensite (α') is viewed as a super-saturated bcc-ferrite phase and therefore the α' : γ relation is identical to the α : γ relation. The actual initial microstructure was constructed based on measured grain sizes and phase fractions from the asreceived material. Digitised micrograph analysis of the initial experimental microstructure yielded an average of 80% ferrite and 20% martensite. It is known that the production of DP steel consists of an intercritical heat treatment and the conversion of austenite to martensite upon subsequent cooling. Based on the nominal alloy composition and the alloy phase diagram, the austenite which led to martensite in production had 0.45 wt% carbon. The ferrite matrix thus contained 0.015 wt% carbon. Mobilities of the various interfaces were treated individually, as derived in [9] , based on lattice dimensions of the phases in question and are shown in table 2 along with implemented interface energies from the literature [13] . Nucleation rates of austenite are governed by equation 1. A temperature and composition dependent value for the driving force for nucleation of austenite, ∆G, was determined with the MT-DATA thermodynamic database. Due to the high carbon concentration in the martensite, ∆G(α' →γ) was much larger than ∆G(α →γ). For example, at 960 K, the driving force for nucleation of austenite in martensite was calculated to be ∆G = 575 J mol -1 while the driving force for nucleation in the ferrite was ∆G = 60 J mol -1 . Values for N j n were estimated by the total number of potential corner, edge and face nucleation sites. In two dimensions, it is not possible to distinguish between corner and edge sites. An analysis of multiple two dimensional slices of a three dimensional microstructure yielded a ratio of approximately 1:10 between corner and edge sites. The total number of potential edge sites should be a function of the total interface area or, in two dimensions, the total interface length. Here, for ease of implementation, the total number of potential face sites was estimated as ten times the number of edge sites. The nucleation temperature range of 950 K to 1120 K was discretised into ten equal segments, calculating the nucleation rate based on the average temperature of each temperature range. The 50 K s -1 and 10 K s -1 experiments exhibited significant thermal gradients with the inner core of the sample heating quicker than the outer edges. Although dilatation data was logged against outer temperature data, an average is more representative. To avoid manipulating experimental data, simulations were run based on both outer and inner temperature information, averaged, and subsequently coupled to the outer edge temperature data. Figure 6 contains converted dilatation data and simulation results as a function of temperature for heating at 10 K s -1 and 50 K s -1 . The dashed simulation curve is the result from simulations based on the inner thermocouple data while the bold curve is the result of averaging the simulations based on inner and outer thermocouple data. 
Results
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Discussion
The microstructure morphology and diffusion field evolution presented in figure 5 reflects results from identical material models exposed to two significantly different heating rates. The nucleation model remained constant for both simulations and no fitting parameters were used to separately optimise the individual results. Parameters for interface mobility were derived based on physical principles and thermodynamic driving forces for transformation were calculated based on para-equilibrium conditions. Although efforts were made to construct a complete model, some assumptions were made. The tempering and the formation of carbides in α' was not modelled, although it is questionable how large an influence this would have on the overall transformation kinetics for the given heating rates. Although the geometrical parameters, Ψ j , for corner, edge, and face nuclei implemented in the CNT were derived experimentally for the γ to α transformation, they provide a good initial estimate for austenitisation as well. Due to the super saturation of ferrite and the associated large driving force, N was not sensitive to variation in these parameters. The calculated driving force for nucleation, ∆G, was based purely on chemical activities and did not incorporate influences from the stress field around the martensite. It is possible that the creation of stress-free austenite in martensite with a significant stress level could lead to an increase in the driving force for nucleation. However, as was the case with the geometrical parameters, any reasonable variation in ∆G did not produce a significant influence on the overall transformation kinetics. Furthermore, at the elevated temperatures of austenitisation, significant stress relaxation is expected to occur. The most significant shortcoming in the comparison between experimental and simulation results is the uncertainty in the thermal gradient. Dilatation results for both heating rates indicate a higher austenite fraction at 1050 K than the simulations. Since the experimental samples most likely did not experience a linear temperature gradient, a more complex averaging scheme could produce a better agreement. Alternatively, it would be better to investigate the phase transformation with an experimental technique that can avoid errors associated with thermal gradients in the sample. Localised synchrotron radiation experiments, in which the sample region is on the sub-millimetre scale and has a negligible thermal gradient, could provide an optimal solution.
The shortcomings in the experimental data are more than overshadowed by the success in representing the general transformation trends in a thermodynamically consistent manner for significantly different heating rates. To the best of our knowledge, models for the austenitisation of martensite have not yet been published. This work provides an important first step in such modelling efforts.
